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The slow β relaxation is understood to be a universal feature of glassy dynamics. Its presence in bulk metallic
glasses (BMGs) is evidence of a broad relaxation time spectrum that extends to deep within the glassy state.
Despite the breadth of research devoted to this phenomenon, its microscopic origin is still not fully understood.
The low-temperature aging behavior and atomic structural rearrangements of a Au49Cu26.9Si16.3Ag5.5Pd2.3 BMG
are investigated in the regime of the slow β relaxation by employing an ensemble of experimental techniques such
as high-intensity synchrotron x-ray scattering, modulated differential scanning calorimetry (MDSC), dynamic
mechanical analysis (DMA), impulse excitation, and dilatometry. Evidence of a distinct slow β-relaxation regime
is seen in the form of (1) an excess wing of the DMA loss modulus beginning at ∼50 ◦C, (2) a crossover effect
of elastic modulus with isothermal aging at 50 ◦C, and (3) a broad, nonreversing and largely irreversible sub-Tg
endotherm in the MDSC results. Atomic rearrangements occurring at the onset of the measured slow β-relaxation
temperature regime were found to be confined mainly to the short-range order length scale while no significant
atomic rearrangements occur on the length scale of the medium-range order. Furthermore, evidence is presented
that suggests the crossover effect in Young’s modulus is due to the evolution of chemical short-range order. These
results support the emergent picture of a dynamically heterogeneous glassy structure, in which low-temperature
relaxation occurs through atomic rearrangements confined mostly to the short-range order length scale.
DOI: 10.1103/PhysRevB.89.174204 PACS number(s): 64.70.pe, 61.20.Lc, 81.40.Jj, 81.70.Pg
I. INTRODUCTION
The stability of bulk metallic glass (BMG) properties
over time is essential to their achieving successful use
in commercial applications such as transportation, energy,
and consumer products. Due to their amorphous nature,
temperature can affect BMGs in ways not experienced by
crystalline metals. For example, the process called structural
relaxation (or α relaxation) will occur at relatively short-time
scales (e.g., minutes or hours) during isothermal aging at
temperatures ∼90% to 95% of the caloric glass transition
temperature Tg [1–4]. Aging near Tg can be observed as a
densification of the glass and can cause profound effects on
the elastic [5], deformation, and fracture [5–8], as well as
fatigue properties of BMGs [8,9]. Thus, it is important that the
experienced temperatures for applications avoid measurable α
relaxation during the service life to ensure stable mechanical
performance. In addition to the α relaxation, metallic glasses
have been shown to exhibit aging behavior at temperatures far
below Tg . For example, studies on thin metallic glass ribbons
have observed physical properties such as elastic modulus or
Curie temperature to evolve with annealing at temperatures
where α-relaxation times would be too long to expect notice-
able changes [10–15]. These relaxations have been separated
into rearrangements in chemical short-range order (CSRO), a
reversible phenomenon related to the chemical surroundings of
atoms, and changes in topological short-range order (TSRO),
an irreversible phenomenon related to changes in interatomic
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distances and a densification of the glass. Moreover, by first
preannealing at low temperatures, a crossover minimum can
be observed in property trends upon annealing at a higher
temperature [10–15]. This crossover effect has been attributed
to (1) the reversible nature of the CSRO changes and (2) the
different relaxation times associated with CSRO and TSRO.
More recently, there have been many reports of observations
of a slow β (or Johari-Goldstein [16]) relaxation1 in BMGs
commonly characterized by a peak in the loss modulus
versus temperature curve measured using dynamic mechanical
analysis (DMA) at a constant heating rate [17–24]. The
observed peak temperature depends on the test frequency,
increasing at higher frequencies, and hence the peak can often
overlap with the dynamic α-relaxation peak, appearing as an
excess wing or inflection, and may approach the dynamic Tg
at MHz frequencies [17–24]. By considering a heterogeneous
model of BMG atomic structure with both higher free volume
soft regions and denser hard regions, it has been suggested
that atomic rearrangements during the slow β relaxation occur
in the soft, higher free volume regions [25,26]. Furthermore,
it has been reported that the topological rearrangements are
closely related to those that occur in shear transformation
zones (STZs) during deformation, and a one-to-one correlation
has been reported between the activation energy for the slow
β relaxation and the potential energy barrier for unsheared
STZs [18].
1This is not to be confused with the fast β relaxation, which occurs
at high temperatures in the melt on time scales of typically 10−13–
10−9 s.
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Despite the importance of the topic, there is still much
unknown about the process of the slow β relaxation in BMGs.
Accordingly, the purpose of this paper is to use modulated
differential scanning calorimetry (MDSC) and high-intensity
synchrotron x-ray scattering results in concert with more
conventional experiments (e.g., DSC, DMA, dilatometry,
and impulse excitation) to present a more comprehensive
understanding of the mechanisms associated with the slow
β relaxation in BMGs.
II. EXPERIMENT
BMG samples with the nominal composition
Au49Cu26.9Si16.3Ag5.5Pd2.3 were used in this study [27].
Common applications of crystalline Au-based alloys include
dentistry and jewelry where the application temperature is near
37 ◦C. This specific BMG was chosen for this study because
its target application temperature lies in the potential range of
the slow β relaxation; however, it is expected that the results
of this study should be relevant to understanding relaxation
processes of BMGs in general. BMG samples were produced
by inductively melting the pure elements (purity >99.995%)
in an Al2O3 crucible inside of an Indutherm MC15 tilt-casting
device under vacuum at pressures <10−3 mbar and then
tilt-casting in a high-purity argon-flushed atmosphere into a
water-cooled Cu mold. To prevent room-temperature aging of
the material, all samples were stored in a freezer at roughly
−18 ◦C and the time spent out of the freezer for machining or
experiments was minimized to the greatest extent possible.
All samples were shown to be amorphous by x-ray diffraction
prior to all experiments.
DMA was used to determine the dynamic β-relaxation
temperature for the nominal Au49Cu26.9Si16.3Ag5.5Pd2.3 BMG
composition. The DMA experiments were performed using a
TA DMA-Q800 at a constant heating rate of 0.05 K/s. Modulus
calibration was carried out using Al samples and the data
were collected in three-point bending with a 30-mm support
span using rectangular plate samples with approximate cross
sections of 2 × 10 mm2 and a length of 33 mm. Tests were
conducted at loading frequencies of ν = 0.1, 1, and 10 Hz,
at a bending amplitude of 20 μm. The tests were begun at
a temperature of 0 ◦C and terminated at 165 ◦C or when the
sample plastically deformed, whichever came first.
Room-temperature measurements of the Young’s modulus
were taken as a function of isothermal aging time using the
impulse excitation of vibration method described in ASTM
E1876 [28]. Two samples of Au49Cu26.9Si16.3Ag5.5Pd2.3 were
tested using this method. The samples had a nominal thickness
of 2.5 mm, length of 31 mm, and widths ranging from
9–12.5 mm. Measurements were made as a function of
isothermal anneal time at temperatures of 50 ◦C and 37 ◦C.
The former temperature was chosen near the onset of the
dynamic β-relaxation peak in the DMA and the latter near
the expected service temperature of the material, while both
temperatures are sufficiently low so that α relaxation would
be assumed to be negligible during the experimental time
scales. Anneal temperatures and treatments were achieved
using a temperature-controlled (±0.1 K) deionized water bath.
Samples were placed into the water bath to anneal and were
then removed and brought to room temperature by placing in
a 20 ◦C water bath for ∼30 s. Samples were then dried and
tested in air at room temperature as prescribed in ASTM E1876
before resuming the isothermal aging process.
DSC measurements were carried out in a power-
compensated Perkin Elmer HyperDSC 8500, calibrated ac-
cording to the melting transitions of water, In and Sn. MDSC
measurements were carried out in a TA DSC-Q100 calibrated
according to the melting temperatures of In and Sn. The MDSC
measurements employed an underlying constant part of the
heating/cooling rate of ±0.083 K/s, modulation amplitude of
1 K, and period of 60 s. During the first heating cycle, an
as-cast sample was heated to a temperature of 150 ◦C into
the supercooled liquid region, then cooled with the same
rate down to −25 ◦C. During the second heating cycle, the
sample was reheated from −25 ◦C past the glass transition and
through the supercooled liquid region. Additionally, a Netzsch
TMA-402, calibrated according to the melting standards of
hexatriacontane, In and Zn, was used to measure the thermal
expansion of an as-cast sample of Au49Cu26.9Si16.3Ag5.5Pd2.3
at temperatures starting from 23 ◦C in a high-purity Ar
atmosphere at a heating rate of 0.083 K/s.
Synchrotron x-ray scattering experiments were carried out
using the PETRA III high-intensity beamline P02.1 at HASY-
LAB/DESY in Hamburg. Samples were prepared for the syn-
chrotron experiments by cutting ∼200-μm-thick disks from
5-mm-diameter cast rods. The x-ray experiments were carried
out in transmission mode using a Perkin Elmer XRD1621
CsI bonded amorphous silicon detector (2048 pixels ×
2048 pixels, 200 μm2 pixel size). The beam size was 0.8
× 0.8 mm2 with a wavelength of 0.207 ˚A (59.83 keV).
The temperature profile was applied under a constant flow
of high-purity Ar inside of a Linkam THMS 600 furnace.
Prior to each measurement, the samples were first cooled
to 0 ◦C using a steady stream of liquid nitrogen vapor. A
thermal cycling furnace run was performed, in which the
sample was heated from the glassy state at 0 ◦C with a rate
of qH = 0.33 K/s to 145 ◦C, into the supercooled liquid.
The sample was then cooled back down to 0 ◦C with a
cooling rate qC = 0.33 K/s and subsequently reheated with
the same rate to a temperature of 250 ◦C, well past the
beginning of crystallization at ∼175 ◦C. X-ray measurements
were performed at 6-s intervals during heating and cooling,
yielding a total of 300 spectra. Additionally, an isothermal
furnace run was performed on a separate as-cast sample, in
which the sample was heated from 0 ◦C to 50 ◦C at a rate
of 0.33 K/s and held there for a period of 7800 s (∼2 h).
During this time, x-ray spectra were collected in 12-s intervals,
resulting in a total of 650 spectra. The integrated intensities
I (Q) were obtained from the two-dimensional raw diffraction
data using the FIT2D data analysis software [29]. After furnace
background subtraction, the total structure factor S(Q) was
obtained from the raw I (Q) data using PDFGETX3 [30].
III. RESULTS
A. Dynamic mechanical analysis (DMA)
Values of the loss modulus for each test frequency nor-
malized to the loss modulus at 0 ◦C, E′′/E′′0 , are shown as
a function of temperature in Fig. 1. The low-temperature
174204-2
β RELAXATION AND LOW-TEMPERATURE AGING IN . . . PHYSICAL REVIEW B 89, 174204 (2014)
FIG. 1. (Color online) Normalized loss modulus determined at
different frequencies by DMA for Au49Cu26.9Si16.3Ag5.5Pd2.3 using a
heating rate of 0.05 K/s. The inset shows the values of E′ and E′′ as
a function of temperature for a test frequency of ν = 1 Hz.
loss moduli used for normalization were 528, 277, and
929 MPa for test frequencies of 0.1, 1, and 10 Hz, respectively.
The normalized loss modulus curves in Fig. 1 display an
excess wing on the α-relaxation peak, appearing around
50 ◦C. Furthermore, a shoulder, or hump, appears on the
low-temperature end of the α-relaxation peak. This shoulder is
identified as the dynamic β-relaxation peak and tends to shift
to higher temperatures at higher test frequencies. In the inset
of Fig. 1, the values of E′ and E′′ are shown as a function of
temperature for ν = 1 Hz. For this test frequency at the heating
rate of 0.05 K/s, the temperature of the dynamic α-relaxation
peak Tα was determined to be 139.8 ◦C. Furthermore, the peak
in the excess wing indicative of the dynamic β relaxation
occurred for ν = 1 Hz at Tβ = 91.7 ◦C.
B. Impulse excitation
While DMA measures change in dynamic elastic properties
over relatively short-time scales, it is also of interest to
understand the evolution of properties over long-time scales
due to isothermal annealing. Since the elastic properties are
a function of the test temperature, preliminary tests were
conducted to establish the procedure for cooling and equi-
librating the temperature before each measurement. Samples
were allowed to slowly reach room temperature (20 ◦C), then
quickly quenched in an ice bath (0 ◦C) for varying time periods,
and then tested at the lower temperature. These tests showed
that after 3 s of temperature equilibration time in the ice bath,
no further changes in the elastic properties were observed.
Thus, the ∼30-s hold time used was considered more than
sufficient to equilibrate the sample at room temperature.
Measurements of the Young’s modulus normalized to the
initial Young’s modulus E/E0 (taken before testing at room
temperature in the as-cast state) are shown as a function of
annealing time in a deionized water bath in Fig. 2. Due
to the high precision of the test method, often repeated
FIG. 2. (Color online) Normalized Young’s modulus E/E0 as a
function of annealing time for samples annealed at 37 ◦C and (top, red
circles) and 50 ◦C (bottom, blue squares). For better clarity, the data
corresponding to an annealing temperature of 50 ◦C are also shown
on a logarithmic time scale (inset, bottom).
measurements yielded identical results with no apparent
standard deviation. The error bars shown in Fig. 2 were the
worst case standard deviation that was observed and it was
established by extensively testing each sample in the as-cast
state prior to annealing. Such extensive data collection for
each annealing time was not performed in order to limit the
time spent outside the annealing bath. While isothermal aging
to induce α-structural relaxation is reported to decrease the
Poisson’s ratio of BMGs [5], no variation in the Poisson’s ratio
[e.g., ν(50 ◦C) = 0.431 ± 0.001] was observed in this study.
However, E/E0 was observed to evolve over time at both 37 ◦C
and 50 ◦C; these data are shown in Fig. 2 as red circles and blue
squares, respectively. At both temperatures, a crossover effect
is observed with an initial quick drop in modulus followed by
a slower rise in modulus after the minimum value is reached.
At 37 ◦C, the minimum in modulus that marks the transition
between the initial quick drop and slower rise occurs after a
longer anneal than at 50 ◦C. The trough minimum is located at
a time of ∼30 000 s for 37 ◦C compared to a time of ∼900 s
for 50 ◦C.
C. Differential scanning calorimetry (DSC/MDSC)
To further understand the changes in this BMG in the
temperature range of the dynamic β relaxation, both conven-
tional DSC and MDSC experiments were performed. Caloric
Tg values for BMGs depend on the heating rate used for the
measurement and a value of 123 ◦C is determined for this BMG
composition at a heating rate of 0.33 K/s using DSC [curve
(a) in Fig. 3]. Figure 3 shows conventional DSC thermograms
at a heating rate of 0.33 K/s for four different samples of
Au49Cu26.9Si16.3Ag5.5Pd2.3, each corresponding to a different
thermal treatment: (a) as-cast rod, (b) 1 s annealing at 50 ◦C,
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FIG. 3. DSC up scans (endotherms up) at a heating rate of
0.33 K/s. Each sample was subjected to different thermal treatments:
(a) as-cast, (b) annealing at 50 ◦C for ∼1 s, (c) annealing at 50 ◦C for
24 h, and (d) aging at room temperature (RT) for ∼1 year. The curves
are vertically translated for better comparison.
(c) 24 h annealing at 50 ◦C, and (d) aging for ∼1 year
under room conditions. Samples that were never heated above
Tg exhibited a pronounced sub-Tg endotherm in their DSC
thermograms, with the location of the endotherm peak shifting
to higher temperatures with isothermal aging in the vicinity of
the slow β-relaxation temperature. The onset and peak of the
sub-Tg endotherm is indicated for the as-cast sample in Fig. 3
as Tonset = 43 ◦C and Tp = 74 ◦C, respectively.
In contrast to conventional DSC, MDSC measurements
employ a sinusoidal varying temperature profile, superim-
posed onto a constant underlying heating rate. The temperature
profile can be expressed as
T (t) = Ti + qH t + AT sin(ωt), (1)
where Ti is the initial temperature, qH is the underlying heating
rate, AT is the amplitude of the temperature oscillations, and
ω = (2πt)/p is the angular frequency with p as the period.
Usually, small values of AT (∼1 K) are employed, such that
the kinetic response of the system can be considered as linear.
For a more comprehensive review of the MDSC method, the
reader is referred to Ref. [31].
MDSC experiments were performed in order to separate
the total heat flow signal of the Au49Cu26.9Si16.3Ag5.5Pd2.3
BMG into its thermodynamic (heat capacity) and kinetic
components. In Fig. 4(a), the total heat flow signals are shown
for the first and second heating cycles. The reversing and
nonreversing curves are shown for the first and second heating
in Figs. 4(b) and 4(c), respectively. The sub-Tg endotherm
of the as-cast sample is seen here as a broad endothermic
peak appearing in the nonreversing signal and is absent in
the reversing signal. This is typical of kinetic processes such
as enthalpy recovery. The as-cast sample shows a much
greater enthalpy associated with the sub-Tg endotherm than
the slowly cooled sample [compare shaded areas in Figs. 4(b)
and 4(c): 155 and 25 J/g-atom, respectively]. Additionally,
FIG. 4. MDSC thermograms of Au49Cu26.9Si16.3Ag5.5Pd2.3 show-
ing (a) the total heat flow for the first and second heatings, (b) the
separated reversing and nonreversing components for the first heating,
and (c) the separated reversing and nonreversing components for the
second heating. The shaded area shows the enthalpy associated with
the sub-Tg endotherm. The black arrows indicate the change in slope
at 60 ◦C observed in the reversing signals. The curves have been
vertically translated for better comparison.
the reversing signal in both heating cycles is marked by a
distinct endothermic change in slope appearing at ∼60 ◦C
during heating [dotted lines in Fig. 4(b)].
D. High-intensity x-ray scattering
The total x-ray structure factor S(Q) can be expressed as
S(Q) = 1 + Ic(Q) − 〈f (Q)
2〉
〈f (Q)〉2 , (2)
where Ic(Q) is the coherently scattered intensity, f (Q) is
the atomic form factor, and Q is the scattering vector. The
angle brackets denote an average over all types of con-
stituent elements, i.e., 〈f (Q)2〉 =∑Xifi(Q)2 and 〈f (Q)〉2 =
[∑Xifi(Q)]2, where fi(Q) is the atomic form factor of
element i and Xi is the molar concentration. According to the
definition in Eq. (2), a realistic form of S(Q) should oscillate
around 1 for large-Q values. In an n-component system, the
total S(Q) comprises a weighted sum of all n(n + 1)/2 partial
structure factors
S(Q) =
∑
ij
Wij (Q)Sij (Q), (3)
where the weighting factor Wij (Q) in the Faber-Ziman
formalism [32] can be expressed as
Wij (Q) = (2 − δij )XiXjfi(Q)fj (Q)〈f (Q)〉2 . (4)
Figure 5 shows the S(Q) of an as-cast sample of the
Au49Cu26.9Si16.3Ag5.5Pd2.3 BMG determined at a temperature
of 0 ◦C. The S(Q) profile at 0 ◦C displays a large diffuse
peak located at Q0 = 2.826 ˚A−1. At higher scattering vectors,
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FIG. 5. (Color online) Total structure factor S(Q) of an as-cast
sample of Au49Cu26.9Si16.3Ag5.5Pd2.3 at T0 = 0 ◦C. The first structure
factor maximum is located at a scattering vector of Q1(T0) =
2.826 ˚A−1. The inset shows the pseudo-Voigt function (solid line)
used to determine the peak parameters.
broad oscillations appear in the S(Q) and rapidly decay out
to scattering vectors of ∼14 ˚A−1. These general features are
characteristic of amorphous materials in which no long-range
order is present. The first structure factor maximum was fitted
with a pseudo-Voigt function having the analytical form
fPV (x) = fmax[ηC(x) + (1 − η)G(x)], (5)
where C(x) = (1 − x2)−1 and G(x) = exp[−(ln 2)x2], with
x = (Q − Q1)/w. In this profile, fmax is the amplitude of the
peak, w is the full-width at half-maximum (FWHM), Q1 is
the position of the peak maximum, and η is the pseudo-Voigt
mixing parameter. The inset of Fig. 5 shows the experimental
S(Q) data (cyan circles) corresponding to the first structure
factor maximum fitted with the pseudo-Voigt function of
Eq. (5) (solid line).
As proposed by Yavari et al. [33], the change in position of
Q1 during thermal treatment can be related to the change in
mean atomic volume through(
Q1(T0)
Q1(T )
)3
= V (T )
V (T0)
= 1 + γ (T − T0), (6)
where T0 is a reference temperature (in this work, 0 ◦C), V is
the mean atomic volume, and γ is the volumetric coefficient of
thermal expansion. During thermal expansion, the value of Q1
decreases with increasing temperature; as such, the relation in
Eq. (6) also tracks the change in macroscopic volume. This
relation has been successfully applied to quantify free volume
changes during structural relaxation of a Pd40Cu30Ni10P20
BMG [33], as well as to measure strain during in situ compres-
sion tests of a Zr57Ti5Cu20Ni8Al10 BMG [34]. Most recently,
it has been employed in identifying a liquid-liquid transition
in the undercooled melt of the Zr41.25Ti13.75Ni10Cu12.5Be22.5
BMG-forming liquid [35].
Figure 6 shows the evolution of [Q1(T0)/Q1(T )]3 with
temperature during thermal cycling (qH = qC = 0.33 K/s)
FIG. 6. (Color online) Relative atomic volume changes
[Q1(T0)/Q1(T )]3 = V/V0 during thermal cycling: first heating from
0 ◦C to 145 ◦C (open squares), subsequent cooling from 145 ◦C to
0 ◦C (blue circles), and second heating from 0 ◦C to 250 ◦C (red
triangles). The inset shows the difference 
 (green circles) between
first and second heating runs.
of a sample of Au49Cu26.9Si16.3Ag5.5Pd2.3 beginning from its
initial as-cast state at T0 = 0 ◦C. The data corresponding to the
first heating (empty squares) up to 145 ◦C are shown alongside
those from the subsequent cooling (blue circles) and second
heating (red triangles) runs. The appearance of a distinct
change in slope of the experimental data for both heating runs
signifies the onset of the caloric glass transition, recorded here
as T
x-ray
g = 129 ◦C. The beginning of crystallization is denoted
by Tx ∼ 175 ◦C, the temperature at which Bragg peaks were
first noticed in the recorded spectra during the second heating.
This is in agreement with the DSC scans of Fig. 3. Linear
fits of the glassy and supercooled liquid regions of the data
from the second heating run were applied and the volumetric
coefficients of thermal expansion γ x-rayglass = 5.46 × 10−5 K−1
and γ x-raySCL = 1.30 × 10−4 K−1 determined. The corresponding
linear thermal expansion coefficients are determined through
the relation γ ≈ 3α, as αx-rayglass = 1.82 × 10−5 K−1 and αx-raySCL =
4.33 × 10−5 K−1.
The trend in [Q1(T0)/Q1(T )]3 of the as-cast sample during
the first heating run does not show completely linear behavior,
however, over the entire temperature range up to Tg . In fact, a
small change in slope was observed at around 50 ◦C, which is
absent in the subsequent cooling and second heating runs. In
order to highlight this subtle change, the difference between
the first and second heating runs 
 is plotted in the inset
of Fig. 6 (green circles). In this plot, the changes are more
apparent and a distinct onset and maximum are observed at
∼50 ◦C and 85 ◦C, respectively. These features observed in 

are in accord with those seen in the experimental DMA and
DSC/MDSC data of Figs. 1, 3, and 4.
In order to observe the subtle structural changes occur-
ring on the nearest-neighbor length scale, we calculated
the reduced pair distribution function G(r) through a sine
Fourier transformation of S(Q) in the wave vector range
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FIG. 7. (Color online) Reduced pair distribution function G(r)
of an as-cast sample of Au49Cu26.9Si16.3Ag5.5Pd2.3 calculated from
the S(Q) at T0 = 0 ◦C. The peak maxima are labeled as Ri , where
i = 1–5. The first G(r) peak R1 (magenta circles, left inset) was fitted
with a Gaussian function (solid line, left inset). The second split speak
(R21 and R22, right inset) was fitted with a sum of two Gaussians.
0  Q  14 ˚A−1 by
G(r) = 4πr[ρ(r) − ρ0]
= 2
π
∫
Q[S(Q) − 1] sin rQ dQ, (7)
where ρ(r) is the atomic pair density distribution function and
ρ0 is the average atomic density.
Figure 7 shows the G(r) of the Au49Cu26.9Si16.3Ag5.5Pd2.3
BMG in its as-cast state at a temperature of 0 ◦C. To ensure
satisfactory resolution of these fine structural changes, it is
necessary to perform the Fourier transformation on as wide a
Q range as possible. G(r) provides information about how the
atoms are distributed and displays peaks at positions where
pairs of atoms are separated with high probability. Similar to
the total S(Q), the total G(r) of this alloy is the weighted
sum of all 15 partial reduced pair distribution functions.
The first peak R1 is observed at 2.85 ˚A at 0 ◦C and reflects
predominantly the Au-Au atomic separation. This is smaller
than twice the Goldschmitt radius [36] for fcc Au (rAu =
1.44 ˚A), which suggests a relatively close packing of the Au
atoms. The changes in position of the peaks labeled R1 through
R5 were tracked by fitting the experimental data (magenta
circles, insets in Fig. 7) with a Gaussian function (solid line,
left inset in Fig. 7). At around 5 ˚A, a splitting of the second
G(r) peak is observed. This splitting has also been observed
in a similar Au65Cu18Si17 BMG alloy [37]. The positions of
the two subpeaks R21 and R22 were determined by fitting with
a sum of two Gaussians (see right inset in Fig. 7).
IV. DISCUSSION
A. Dynamic β relaxation in Au49Cu26.9Si16.3Ag5.5Pd2.3
and the nature of sub-Tg endotherms
Figure 1 shows the results of isochronal DMA tests per-
formed on as-cast samples of the Au49Cu26.9Si16.3Ag5.5Pd2.3
BMG at various loading frequencies. Common to each set of
data is the excess wing in E′′ appearing in the low-temperature
range from ∼50 ◦C up to the dynamic α-relaxation peak at
∼130 ◦C. Additionally, a shoulder or broad hump appearing at
∼80 ◦C–110 ◦C is identified in all three sets of data as a weak
β-relaxation peak superimposed onto the low-temperature tail
of the α relaxation. This is in contrast to other BMG-forming
systems, most notably some of those in the La-Al-Ni family,
which show a pronounced and distinct β-relaxation peak in
the DMA loss curve [19,26]. The dynamic behavior shown in
Fig. 1 is more comparable to that observed in some Zr- and
Cu-based BMGs, in which only a faint shoulder in the DMA
loss curve has been observed as well [20].
It has been recently discussed how the unique chemical
interactions between the constituent elements of a glassy alloy
influences the behavior of E′′ during the dynamic β-relaxation
temperature regime [38]. In particular, a large negative and
similar enthalpy of mixing 
Hmix was identified as a common
factor in systems with pronounced β-relaxation peaks. Large
differences in 
Hmix, on the other hand, were associated
with those systems, in which only faint shoulders or excess
wings were reported. Indeed, using the empirical models for

Hmix [39], one can identify in Au49Cu26.9Si16.3Ag5.5Pd2.3
those chemical affinities that are particularly strong,
e.g., 
HAu-Simix = −30 kJ/g atom and 
HCu-Simix =
−19 kJ/g atom, and those that are comparably weak,
e.g., 
HAu-Cumix = −9 kJ/g atom, 
HAu-Agmix = −6 kJ/g atom,
and 
HCu-Agmix = +2 kJ/g atom. It should, however, be noted
that mixing in a multicomponent system is necessarily
temperature and composition dependent and that interactions
due to the unique electronic structure of each atomic species
are generally not accounted for in such models. Nevertheless,
the behavior of the DMA data presented in Fig. 1 appears to
be in accord with the general rule summarized in Ref. [38],
although more material-specific chemical interactions may
need to be considered, as will be discussed later in Sec. IV D.
Although no unanimous consensus has been reached on the
exact structural origin of the slow β relaxation, its ubiquity
has been amply documented in many classes of amorphous
solids [16,22,40]. The slow β relaxation was originally
attributed by Johari and Goldstein [16] to the localized
movement of atoms or molecules in a mechanically rigid
glassy structure, facilitated by density fluctuations frozen-in
from the supercooled liquid. With respect to BMGs, this is
often discussed in terms of free volume, where the slow β
relaxation is thought to occur in locally higher free volume
regions that exist within a denser glassy matrix [23,26,41].
Furthermore, a broad relaxation time spectrum in glasses
is inexorably linked to the slow β relaxation [16] and
is evident in Au49Cu26.9Si16.3Ag5.5Pd2.3 by the pronounced
sub-Tg endotherm seen in the DSC and MDSC curves of
Figs. 3 and 4. In fact, similar DSC heat flow behavior
has been reported in a variety of other glass formers as
well [42–44], and calorimetric studies on a series of organic
and molecular glasses have already shown that a broad sub-Tg
endotherm is associated with the kinetic unfreezing of the
dynamic β relaxation [45–47]. Additionally, in a study of
long-term aging of selenide glasses, for example, Chen et al.
identified pronounced sub-Tg endotherms as being the result
of compacted regions of the Se backbone coalescing with
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the surrounding noncompacted regions [42]. Although the
bonding mechanisms are fundamentally different between
BMGs and selenide glasses, the premise of a heterogeneous
glassy structure is nevertheless fundamental to both.
In addition, it has been observed that a certain annealing
time is required at temperatures far below Tg before the
sub-Tg endotherm is seen in a calorimetric up scan [42,43,48].
Macroscopically, after some excess enthalpy is lost during
aging at these low temperatures, it is completely recovered
before Tg upon heating and manifests itself as a broad,
endothermic DSC peak in the temperature range ∼75% to
80% of the caloric Tg . This scenario was observed in polyvinyl
chloride by Berens and Hodge [43], who concluded that
sub-Tg endotherms are the consequence of short-time portions
of a broad relaxation time spectrum coming to equilibrium
at temperatures far below Tg . Similarly, crossover effects in
elastic modulus, as seen in Fig. 2, have been observed during
relaxations of thin ribbon metallic glass samples; however,
previously this effect has only been observed after prean-
nealing well below the final annealing temperature [10,11]. It
has been reasoned that the low-temperature preannealing step
establishes a given amount of CSRO, which then disorders
during the initial period of the higher-temperature anneal,
causing a decrease in the elastic modulus. The elastic modulus
then gradually recovers, as CSRO is reestablished [15]. Based
on these collective results, we hypothesize that, due to its low
value of Tg , Au49Cu26.9Si16.3Ag5.5Pd2.3 ages in the necessary
low-temperature range during the casting and cooling process
leading to a certain amount of CSRO and hence to the
calorimetric behavior of the as-cast sample shown in Figs. 3
and 4(a) and crossover effect of modulus in Fig. 2. Thus,
behavior normally only seen in low-temperature annealed
samples is here observed in as-cast samples.
A broad spectrum of relaxation times in the glassy state is a
long-observed feature of metallic glasses [44,49]. The question
still remains, however, whether the observed phenomena
normally attributed to the slow β relaxation in BMGs belong
to a separate, secondary relaxation mode or to faster portions
of a wide α-relaxation spectrum. For example, a recent study
of hyperquenched ribbons of glassy Mg65Cu25Y10 by Pineda
et al. [50] reports a low-temperature shoulder in the DMA loss
modulus, similar to that shown in Fig. 1, and it was found
that this shoulder could be suppressed by slowly cooling from
the supercooled liquid. It was concluded that this was not
attributed to a distinct secondary, or β, relaxation, but rather to
the access of the system to a broad α-relaxation process. With
regard to the Au49Cu26.9Si16.3Ag5.5Pd2.3 BMG investigated in
this paper, we see similar behavior in the MDSC curves of
Fig. 4. More specifically, the reversing, or thermodynamic part
of the MDSC heat flow curve, shows a distinct endothermic
change in slope beginning at ∼60 ◦C and is apparent in both the
first and second heating curves [arrows in Figs. 4(b) and 4(c)].
The sub-Tg endotherm, on the other hand, appears to be mostly
irreversible, as it is almost completely absent in the second
heating curve of the overall DSC heat flow signal of Fig. 4(a).
However, a small sub-Tg endotherm is nevertheless able to
be resolved in the nonreversing part of the MDSC signal
of Fig. 4(c) (second heating), albeit with a much smaller
associated enthalpy (shaded areas in Fig. 4). We thus identify
this as the kinetic unfreezing of the loose portions of the BMG
atomic structure that were partially arrested in this temperature
range during slow cooling from the supercooled liquid.
The α relaxation is characterized by highly cooperative
structural rearrangements usually having an apparent acti-
vation energy of ∼400–500 kJ/g atom (∼4–5 eV) near
the glass transition in metallic glass systems [26,44,51]. In
contrast to this, the β relaxation is thought to correspond to
more localized, faster atomic rearrangements, which persist
to temperatures far below the caloric glass transition [18,52].
The apparent activation energy of the slow β relaxation Eβ
is significantly smaller than that of the α relaxation and
the following empirical correlation between Eβ and Tg been
proposed [18]:
Eβ ≈ 26(±2)RTg, (8)
where R is the universal gas constant. Taking the value of
Tg = 123 ◦C (396 K) measured in DSC at a heating rate of
0.33 K/s, we estimate Eβ via the above correlation as 85.6 ±
6.7 kJ/g atom (∼0.89 eV).
Experimentally, Eβ can be determined through the temper-
ature dependence of the dynamic β-relaxation peak observed
in DMA at varying test frequencies. However, the DMA loss
curves in Fig. 1 show only a faint shoulder indicating a
dynamic β relaxation; as such, an unambiguous determination
of the peak temperature is not possible. As an alternative to
determining the apparent activation energy for the β relaxation
from the DMA loss curves, as-cast amorphous samples of
Au49Cu26.9Si16.3Ag5.5Pd2.3 were measured in the DSC at
different heating rates and an apparent activation energy E′β
was determined from fitting an Arrhenius equation to the
experimentally observed heating rate dependence of the peak
temperature of the sub-Tg endotherm Tp. The DSC up scans
and observed heating rate dependence of Tp are shown in
Fig. 8. The results in Fig. 8(b) show that the heating rate
dependence of Tp can be well described by an Arrhenius law
with an apparent activation energy of E′β = 88.9 ± 6.0 kJ/g
atom (∼0.92 eV), which is in excellent agreement with the
activation energy estimated using Eq. (8).
We therefore propose that the dynamicβ relaxation and sub-
Tg endotherm observed in this glassy alloy both involve similar
mechanisms of atomic rearrangement. Indeed, sub-Tg en-
dotherms have been observed in both the as-cast and annealed
states of other BMG-forming alloys as well [44,48,53,54];
to date, however, a mechanistic connection with the dynamic
β relaxation had not been made. Not surprisingly, the other
BMGs exhibiting similar sub-Tg endotherms in their as-cast
states are also alloys with the low values of Tg and hence low
activation energies for the atomic rearrangements responsible
for the β relaxation. This effect is therefore more pronounced
in these types of alloys since the aging regime lies close to the
ambient temperature range and the glassy alloy is inadvertently
and often unavoidably exposed to these temperatures during
casting. On the other hand, alloys with higher values of Tg
must be intentionally aged in the sub-Tg regime before an
endotherm is observed during reheating [44,48,54]. It should
furthermore be pointed out that the heating rate dependence
of the sub-Tg endotherm observed in Fig. 8 would necessarily
be different depending on the thermal history of the sample.
That is, the value of E′β in Fig. 8(b) should be taken to reflect
the relaxation spectrum of the as-cast material only. In fact,
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FIG. 8. (a) DSC up scans (endotherms up) of as-cast samples of
Au49Cu26.9Si16.3Ag5.5Pd2.3 employed at various heating rates qH . The
peak temperature of the sub-Tg endotherm Tp is indicated by the
downward triangle. The onset of the caloric glass transition T onsetg is
marked by the upward solid triangle. (b) Arrhenius fit (dashed line)
of the temperature dependence of the inverse heating rate (downward
triangles) yielding an apparent activation energy of E′β = 88.9 ±
6.0 kJ/g atom (∼0.92 eV).
Vianco and Li investigated sub-Tg endotherms in a Ni-based
metallic glass [48] and concluded that the value of E′β obtained
from calorimetric experiments increases as the relaxation time
spectrum is shifted to longer times due to annealing.
In consideration of the experimental data presented and
the other results cited in this section, we suggest that the
underlying mechanisms responsible for the dynamic β relax-
ation observed in the DMA also contribute to the calorimetric
behavior shown in Figs. 3, 4, and 8. That is, aging at
temperatures close to the β-relaxation regime will induce
structural relaxation in the loose or weakly bonded regions
of the glassy structure while the matrix remains comparatively
immobile. As a consequence, structural recovery occurs in
these regions when the glass is reheated through the β-
relaxation temperature regime. This manifests itself as the
broad sub-Tg endotherm apparent in DSC up scans and
completely separable as the nonreversing MDSC component.
Meanwhile, the change in slope observed in the reversing part
of the MDSC signal at ∼60 ◦C is related to the reversible
relaxation spectrum as a manifestation of a long tail of the α
relaxation.
B. Atomic-scale structural changes during β relaxation
The high-energy x-ray scattering techniques used to mon-
itor, in situ, the effects of thermal cycling on this BMG
give information about the atomic-scale changes occurring
in the glassy structure and provide insight into the structural
origins of the slow β relaxation in BMGs. The structural data
presented in Fig. 6 show the normalized atomic volumetric
expansion V/V0 calculated from the relation in Eq. (6). Indeed,
there is a noticeable difference, beginning at ∼50 ◦C, in the
data from the first heating run when compared with those
of the second heating run, after having slowly cooled from
the supercooled liquid (inset Fig. 6). Most notably, in the
low-temperature region from 0 ◦C–50 ◦C, there is an almost
insignificant difference between the [Q1(T0)/Q1(T )]3 values
corresponding to each run. Specifically, we compare the start
of the first heating with the start of the second heating (at
0 ◦C) and determine that the decrease in excess free volume of
this BMG after slowly cooling from the supercooled liquid
is on the order of 0.025%. Compared to a free volume
decrease of 0.3% observed in samples from an as-cast rod
of La62Al14(Cu5/6Ag1/6)14Ni5Co5 [55], 0.5% in an as-spun
ribbon of Mg65Cu25Y10 [56], and 0.2% in as-spun ribbons
of Pd40Cu30Ni10P20 [33], this difference appears extremely
small and is likely due to the initially low excess free volume
arising from the slow cooling rates of the tilt-casting procedure
coupled with unavoidable aging at ambient and elevated
temperatures during production of the amorphous samples.
In order to glean more detailed information about the
structural changes occurring, we analyzed two other profile
parameters determined from the pseudo-Voigt peak function
in Eq. (5); namely, the reduced height of the first structure
factor maximum S(Q1)/S[Q1(T0)] and the reduced FWHM
w/w(T0). Other studies on BMG systems have shown these
quantities to be useful as complementary metrics to the peak
position [37,55,57]. In a single-component system, the FWHM
can characterize the degree of ordering, where a broader
FWHM indicates a more disordered state. However, in a
multicomponent system, the broadening or narrowing of the
FHWM is influenced by the shifting in the positions of the
multiple underlying peaks belonging to each of the partial
structure factors. The individual x-ray scattering weights of
the constituent atomic pairs determine the contribution of the
partial structure factor to the observed total S(Q). In the case
of Au49Cu26.9Si16.3Ag5.5Pd2.3, there are a total of 15 partial
structure factors, with the weighting factors WAu-Au = 0.54
and WAu-Cu = 0.22 being the most dominant [Eq. (4)].
Figure 9 shows the temperature evolution of
S(Q1)/S[Q1(T0)] and w/w(T0) during thermal cycling.
From each data set it is apparent that, with increasing
temperature, the structure factor maximum intensity
decreases concomitantly with a broadening in the FWHM.
In general, the reduction in peak intensity during heating can
be attributed to the Debye-Waller factor; however, the abrupt
change in slope observed at T x-rayg is a clear indication of the
atomic-scale structural rearrangements occurring at the glass
transition. The trend in the FWHM reverses, however, in the
temperature range from 100 ◦C to 125 ◦C, and is magnified
in the inset of Fig. 9(b). In this temperature range, the first
structure factor maximum begins to narrow along with a slight
174204-8
β RELAXATION AND LOW-TEMPERATURE AGING IN . . . PHYSICAL REVIEW B 89, 174204 (2014)
FIG. 9. (Color online) (a) Reduced height of the first structure
factor maximum S(Q1)/S[Q1(T0)] and (b) reduced FWHM w/w(T0)
during thermal cycling. The glass transition T x-rayg is apparent
at ∼129 ◦C in both peak parameters. The inset in (b) shows a
magnification of w/w(T0), where the release of excess free volume
just prior to the glass transition is reflected in a sharpening of the
FWHM. In both peak parameters, a difference of ∼1% between the
first and second heating runs at T0 can be ascertained.
increase in the peak intensity. This corresponds to the release
of frozen-in excess free volume prior to the glass transition,
causing an increase in topological order. This is even more
apparent in samples containing a substantial amount of excess
free volume and topological disorder through rapid quenching
or mechanical treatment [57]. Furthermore, the DSC data of
Fig. 3 show an exothermic dip of the heat flow curve in this
same temperature range, which is also coincident with the
observed trend in the inset of Fig. 9(b).
In Fig. 9, we observe no noticeable deviation in either the
peak height or the FWHM trend in the temperature region
of the slow β relaxation, in contrast to the change in slope
observed in the [Q1(T0)/Q1(T )]3 data presented in Fig. 6. The
overall broadening of the FWHM during heating is affected
by both the broadening and the shifting in the peak positions
of the underlying partial structure factors. Since no anomaly
is visible in the data of Fig. 9(b), we conclude that this is
due to the peak positions of the dominant partial structure
factors, in this case, SAu-Au(Q) and SAu-Cu(Q), changing in
unison with each other during heating. It is possible that the
peak positions of other atomic pairs behave differently with
temperature, although it is difficult to speculate due to their
minute contributions to the total S(Q). We do, however, notice
a significant difference between the values of the reduced
height of the first structure factor maximum and FWHM taken
from the first and second heating runs at T = 0 ◦C. That is, at
the beginning of the second heating run, the reduced heights of
the first structure factor maximum and FWHM have increased
and decreased, respectively, by ∼1%. This could be due to
an irreversible reduction of the disorder that was frozen-in
during casting. Comparing this value with the cube root of
the almost negligible change in free volume observed between
FIG. 10. (Color online) Reduced first G(r) peak position

R1/R1(T0) during thermal cycling (bottom). All three sets of
data share a similar thermal expansion coefficient of αR1glass = 5.72 ×
10−6 K−1 up to ∼60 ◦C. The dilatometric thermal expansion data
(shaded circles, top) are given as comparison and the linear thermal
expansion coefficient is determined as αdilglass = 1.98 × 10−5 K−1.
each heating run in Fig. 6, i.e., [
V (T0)/V (T0)]1/3 ∼ 0.025%
or 
L(T0)/L(T0) ∼ 0.3%, we notice that these two quantities
differ by almost an order of magnitude. In other words, while
the change in length scale corresponding to the structural state
between the two heating runs is only ∼0.3%, the change in
correlation appears to be much larger, ∼1%. It is possible that
this discrepancy is due to an irreversible increase in CSRO that
had occurred after the first heating run since changes in the
CSRO do not significantly affect the free volume [3,58].
Through Eq. (7), a real-space picture of the atomic changes
occurring during thermal cycling of this BMG is provided.
Figure 10 shows the temperature evolution of the reduced
first G(r) peak position 
R1/R1(T0) during the first heating,
cooling, and second heating scans (open squares, blue circles,
and red triangles, respectively). One prominent feature of the
nearest-neighbor separation in Au49Cu26.9Si16.3Ag5.5Pd2.3 is
the existence of two distinct temperature regimes of thermal
expansion below the glass transition. In particular, the nearest-
neighbor thermal expansion coefficient αR1glass = 5.72 ×
10−6 K−1 is the same for all three thermal cycles up to ∼50 ◦C,
after which a marked change in slope of 
R1/R1(T0) is
noticed. More specifically, the slope of 
R1/R1(T0) becomes
negative during the first heating, while during the second
heating, the slope vanishes and 
R1/R1(T0) remains more
or less constant up until ∼110 ◦C. It is now evident that there
are distinct reversible changes occurring in the atomic-scale
structure at ∼50 ◦C. Furthermore, the irreversible changes
associated with the broad sub-Tg endotherm (Figs. 3 and 4) are
reflected in the sudden negative change in slope of
R1/R1(T0)
during the first heating and correspond to an average reduction
in the nearest-neighbor separation distance. Close to and above
the glass transition (T >110 ◦C) αR1glass becomes increasingly
negative, showing again a contraction of the average atomic
distance in the first coordination shell.
The atomic-scale rearrangements in this BMG are com-
pared with the overall macroscopic thermal expansion, as
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FIG. 11. (Color online) Relative changes of the G(r) maxima
during heating 
Ri/Ri(T0), where i = 1–5. The macroscopic linear
thermal expansion curve 
L/L0 taken from dilatometry measure-
ments is reproduced here (solid line). The glass transition Tg is
evident by the negative and positive changes in slope of R1 and
R3–5, respectively.
determined in the dilatometer (shaded circles, Fig. 10). After
correction to the thermal expansion of the sample holder and a
reference of pure Cu, the macroscopic linear thermal expansion
coefficient of the glassy state was determined to be αdilglass =
1.98 × 10−5 K−1, and is in good agreement with the value of
2.13 × 10−5 K−1 determined for a similar Au50Cu25.5Si17Ag7.5
BMG [59]. The value of αdilglass determined here is around
an order of magnitude greater than the thermal expansion
coefficient observed on the nearest-neighbor length scaleαR1glass,
and a similar finding in the Cu65Zr35 BMG has been reported
by Mattern et al. [60] Moreover, we find good agreement
between the linear thermal expansion coefficient of the glass as
determined from the change in Q1 (αXRDglass = 1.82 × 10−5 K−1)
and that measured in the dilatometer. However, in contrast to
the change of slope in [Q1(T0)/Q1(T )]3 observed during the
first heating run in Fig. 6, no anomalous behavior is noticed
in the dilatometer signal in the range of the β relaxation. It
is now apparent that distinct structural changes are occurring
on length scales not represented in the macroscopic thermal
expansion measured in the dilatometer. The differences in
thermal expansion on varying length scales are compared
in Fig. 11 through the relative changes with temperature of
the other maxima in G(r), 
Ri/Ri(T0), where i = 1–5. The
macroscopic linear thermal expansion 
L/L0 determined in
the dilatometer is shown here for comparison (solid black line).
When compared to the scale of the changes in the other
maxima, the change in R1 with temperature appears almost
negligible (red squares). Additionally, the changes in R21
(orange circles) and R22 (green triangles) are observed to
deviate significantly from the macroscopic thermal expansion,
while the changes in R3–5 are found to be in agreement.
Even though there is a larger scatter in R22, a distinct change
in slope is nevertheless observed at ∼60 ◦C. It would thus
appear that the structural changes occurring in the temperature
regime of the β relaxation are not only confined to the
nearest neighborhood and can be observed on a length scale
out to ∼5.5 ˚A. Furthermore, the glass transition is evident
through the positive change of slope in R3–5 at ∼130 ◦C
and the slightly negative change of slope in R1 at the same
temperature. The macroscopic thermal expansion (solid black
line in Fig. 11) is reflected predominantly by the thermal
expansion of the medium-range order, given by R3–5 (r >
7 ˚A), and is comparable to that observed in Cu65Zr35 [60].
The real-space structural data in Figs. 10 and 11 help to illu-
minate the aforementioned premise of atomic-scale structural
heterogeneities in BMGs. Specifically, the differing thermal
expansion behavior observed amongst the G(r) maxima
indicate that the atomic-scale structural changes do not occur
uniformly on all length scales. This behavior is similar to what
has been observed previously in melts of pure metals as well as
the BMG-forming alloy Zr41.25Ti13.75Ni10Cu12.5Be22.5 [35,61].
Additionally, the large hysteresis between the first and second
heating runs noticed in the thermal behavior of R1 at ∼60 ◦C
(Fig. 10) is indicative of an irreversible structural change
occurring in the as-cast state. Even though the thermal
expansion of R1 during the second heating run also changes
slope around this temperature, the change in slope is more
pronounced in the first heating run, which is also reflected in
the large nonreversing sub-Tg endotherm apparent in the first
MDSC heating [Fig. 4(b)].
C. Atomic-scale structural changes during
low-temperature aging
Figure 2 shows that significant changes in the Young’s
modulus are observed at room temperature in as-cast sam-
ples of Au49Cu26.9Si16.3Ag5.5Pd2.3 after isothermal annealing
treatments at 37 ◦C and 50 ◦C. Similar effects have also been
reported in many other metallic glass systems by observing the
time evolution of properties such as elastic moduli or Curie
temperature during annealing at temperatures far below the
caloric glass transition [11,15,62].
We investigated this behavior on the atomic length scale by
tracking the relative changes in the positions of the first max-
ima in S(Q) and G(r), Q1(t0)/Q1(t) − 1, and 
R1(t)/R1(t0),
respectively, during in situ annealing of an as-cast sample
at 50 ◦C. Figure 12 shows Q1(t0)/Q1(t) − 1 (blue circles)
and 
R1(t)/R1(t0) (red squares) during an annealing time of
∼8000 s at 50 ◦C. It should be noted that the data corresponding
to the heating ramp from 0 ◦C–50 ◦C are not shown here and
that the data points in Fig. 12 reflect a constant (±0.1 K) sample
temperature of 50 ◦C. A fast increase in the relative position
of Q1 is observed up to an annealing time of ∼500–1000 s,
followed by a slow decrease throughout the remainder of the
experiment. On the nearest-neighbor atomic length scale, this
is reflected in a similarly fast initial decrease in the relative
peak position of R1, followed by a slow recovery at longer
annealing times. The minimum in 
R1(t)/R1(t0) at ∼1000 s
is comparable to the observed minimum of ∼900 s observed
in the Young’s modulus measured at 50 ◦C (Fig. 2).
Upon examining the other G(r) maxima (Fig. 13), we
observe that the relative changes in R1 [red squares, Fig. 13(b)]
and R3–5 [magenta hexagons, cyan circles, and brown stars,
respectively, Fig. 13(b)] are much smaller than those observed
in R21 and R22 [orange circles and green triangles, respectively,
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FIG. 12. (Color online) Relative changes in the first S(Q) and
G(r) maxima, Q1(t0)/Q1(t) − 1 (blue circles) and 
R1/R(t0) (red
squares), respectively, as a function of annealing time at 50 ◦C. The
data corresponding to the initial heating ramp from 0 ◦C–50 ◦C are
not shown here.
Fig. 13(a)], which appear to gradually increase and decrease,
respectively, over the duration of the annealing. It would appear
that a subtle increase in the relative position of R3 can also be
discerned; however, due to the relative scatter in these data
points, it is difficult to certify. Additionally, the difference in
scaling between Figs. 13(a) and 13(b) should be taken into
consideration when interpreting the atomic-scale structural
changes during annealing. That is, the overall decrease in R22
is almost an order of magnitude greater than the fast changes
observed in R1; however, the scatter observed in R21 and R22 is
greatly magnified as well. For comparison, the relative change
in R1 is given in both Figs. 13(a) and 13(b).
The data presented in Figs. 12 and 13 show a definite fast
relaxation process occurring on the nearest-neighbor length
FIG. 13. (Color online) Evolution of the positions of the different
G(r) peak maxima, 
Ri(t)/R(t0), where i = 1–5, with annealing
time at 50 ◦C. Note the scaling difference of 10−3 and 10−4 in (a) and
(b), respectively. For comparison, the data corresponding to R1 are
shown in both (a) and (b).
scale within ∼1000 s during annealing at 50 ◦C, after which
slower changes begin to occur on the more intermediate
length scales, given by, e.g., the relative changes in R21 and
R22 [Fig. 13(a)]. However, on the length scales reflecting
the medium-range order R3–5, hardly any changes in the
relative peak positions are observed. This behavior mirrors the
microscopic thermal expansion data of Fig. 11. Specifically, we
observe in both isochronal and isothermal experiments small,
yet distinct, changes in R1 concomitant with a much larger
increase and decrease in the relative positions of R21 and
R22, respectively. It was established in the previous section
that the macroscopic thermal expansion is reflected in the
thermal expansion of the medium-range order. Thus, from
the behavior of the relative G(r) peak positions illustrated in
Fig. 13, we conclude that low-temperature aging in this alloy
occurs predominantly on the short-range order length scale
(up to ∼5.5 ˚A), while the medium-range order remains largely
unaffected. Moreover, the low-temperature aging observed
here can not be explained in simple terms of free volume, but
rather comprises distinct changes in the CSRO though local
optimization of atomic pair interactions. These findings are
consistent with the emergent idea that low-temperature aging
and the slow β relaxation can be characterized by short-range
atomic rearrangements in loosely packed or weakly bonded
regions [63,64].
D. Role of Cu and chemical disordering in the relaxation
behavior of Au49Cu26.9Si16.3Ag5.5Pd2.3
In this section, we will discuss some important chemical
aspects associated with the observed low-temperature aging
behavior in this particular metallic glass system. Recently, a
physical picture has emerged relating the slow β relaxation to
stringlike motions of atoms, in which the diffusive motion of
the smallest constituent atoms has been intimately linked with
the apparent activation energy of the slow β relaxation [38].
For the case of this Au49Cu26.9Si16.3Ag5.5Pd2.3 BMG, it is
likely that the low-temperature relaxation phenomena ob-
served in the previous sections are aided through the fast
diffusion of elements whose cores are highly polarizable,
like Ag and Cu, which seem to be particularly mobile [65].
Furthermore, as a consequence of its small ionic radius,
elemental Cu has a relatively weak interaction with the Si
lattice, making it highly mobile even at room temperature [66],
while Au can be seen as the slowest (given its large size),
even if its diffusivity is known to increase by one order of
magnitude when Si is present. Although this comparison is
based on diffusivities measured in crystalline metals, one
can nevertheless speculate that a similar interaction occurs
in glassy metals as well. Indeed, the similarity between the
activation energy for Cu diffusion in amorphous Si of 1.2 eV
[67] and the slow β-relaxation activation energy E′β =
0.92 eV, determined from Fig. 8, would lend support to this
conclusion.
Findings from additional studies also highlight the role
played by Cu in various low-temperature aging and relax-
ation phenomena related to this BMG system. For example,
Eisenbart et al. [68,69] have recently reported that the large
amount of Cu in this particular composition, in combination
with the presence of Si, is the main contributor to the fast
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tarnishing kinetics observed at room temperature. Further-
more, Yu et al. [38] investigated the chemical influence on
slow β relaxations in a number of BMG systems and have
shown that the presence of Cu leads to the formation of a
pronounced DMA loss peak in Pd-based BMGs. In another
study, however, a recent DMA investigation by Qiao et al. [70]
of the Au65Cu10.5Ag7.5Si17 BMG showed no obvious slow β
relaxation, which is presumably due to the absence of the large
amount of Cu that is present in the BMG under investigation
in this paper. In light of these results, it is reasonable to
suggest that significant amounts of Cu, in combination with the
presence of Si, accelerate low-temperature kinetic phenomena
on the atomic scale and greatly contribute to the enhancement
of dynamical heterogeneities in the glassy state.
Having discussed the effects of Cu on the low-temperature
relaxation behavior of this BMG, the final part of this section
will address the possibility of general chemical disordering
during aging. As mentioned previously, the different chemical
affinities between the constituent atoms in a BMG alloy can
have a pronounced effect on its physical properties. The
effects of chemical ordering/disordering on the mechanical
properties of crystalline and amorphous alloys have been
well documented. For example, in crystalline Cu3Au and
Mg3Cd alloys, both of which exhibit an order-disorder
transition, the increase in Young’s modulus observed during
annealing after quenching from the an initially disordered
state is attributed to the growth of ordered domains [71,72].
Indeed, similar behavior is observed in Fig. 2 and it
now becomes relevant to examine whether we can identify
a distinct chemical ordering/disordering process in these
experiments.
A significant limitation of the synchrotron x-ray experi-
ments carried out in these studies is the inability to separate
the individual partial structure factors from the total measured
S(Q). As such, no exact information can be provided on
the distinct atomic rearrangements of each individual species.
However, the irreversible narrowing of the FWHM combined
with the increase in intensity of the first S(Q) maximum
(both ∼1%) after the first heating run observed in Fig. 9
does indicate a significant reduction in disorder. While it
still remains unclear to what extent this reduction reflects
the relatively small change in characteristic length scale
(∼0.3%), the trend observed in the Young’s modulus (Fig. 2)
during low-temperature annealing supports the idea of rapid
chemical disordering followed by much slower reordering
processes as suggested by van den Beukel et al. [15].
Furthermore, the structural data shown in Figs. 12 and 13
provide clear evidence of atomic rearrangements occurring
primarily on the nearest-neighbor and next-nearest-neighbor
length scales during low-temperature annealing and agrees
with the established picture that changes in the CSRO only
involve local atomic rearrangements on a very small length
scale, without the reduction in a significant amount of excess
free volume [3,58,73].
V. CONCLUSIONS
Based on a study of the low-temperature aging
behavior and atomic structural rearrangements of a
Au49Cu26.9Si16.3Ag5.5Pd2.3 BMG, the following conclusions
can be made:
(i) There is evidence of a distinct slow β-relaxation regime
in this BMG marked by pronounced changes observed in
the Young’s modulus during long-time annealing and an
excess wing of the DMA loss modulus beginning at ∼50 ◦C
that extends over a wide temperature range up to the glass
transition. This was interpreted as the distinct hump belonging
to the slow β relaxation, superimposed onto the long tail of a
broad α-relaxation regime.
(ii) MDSC results also showed a broad, nonreversing, and
largely irreversible sub-Tg endotherm that was associated with
the slow β relaxation and attributed to loose regions of the
glassy structure coming to equilibrium at temperatures still
below Tg . The apparent activation energy for this process was
determined to be 0.92 eV, which is in very good agreement
with an empirical relation for the slow β-relaxation activation
energy.
(iii) Isochronal synchrotron x-ray experiments show dis-
tinct atomic rearrangements occurring at the onset of the
measured slow β-relaxation temperature regime that are
confined mainly to short-range order length scale while no
significant atomic rearrangements occur on the length scale of
the medium-range order.
(iv) Comparisons of the measured isothermal evolution of
the Young’s modulus with isothermal synchrotron x-ray results
suggest that significant changes in the CSRO occur during
low-temperature aging and are responsible for the modulus
changes.
(v) The above findings are all consistent with many current
models of a BMG structure consisting of locally mobile
regions embedded in a denser, more immobile matrix. The
presence of semimetallic Si in this alloy enhances the mobility
of the other constituent elements, Cu in particular, and plays a
role in the rapid relaxation behavior observed in this alloy at
low temperatures.
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